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Abstract
In certain naturally aged aluminum alloys, significant strengthening can be ob-
tained due to the decomposition of a super-saturated solid solution into clus-
ters. The origins of such strengthening remain unclear due to the challenge
of differentiating solute cluster strengthening from solid solution or precipitate
strengthening. To shed light on the origin of cluster strengthening in aluminum
alloys, the interaction between the smallest possible type of clusters (i.e. dimers)
and moving dislocations in a model Al-Mg alloy is studied using atomistic sim-
ulations. Additionally, theoretical models for both the parelastic and dielastic
interactions between clusters and dislocations is used to identify which factor
among order strengthening, elastic interaction, and change of stacking fault en-
ergy controls cluster strengthening. The comparison of the results from these
models to that of the atomistic simulations show that in the case of Mg dimers,
the strength of the strongest ones are dominated by the dielastic contribution
through the change of stacking fault energy.
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1. Introduction
Low temperature aging of some aluminum alloys leads to significant strength-
ening due to the decomposition of a super-saturated solid solution without the
formation of a distinct second phase [1, 2]. This strengthening, commonly re-
ferred to as ‘cluster hardening’, can contribute up to 70% of the peak strength
in some alloys [1]. While atom probe tomography experiments have revealed
that clustering in ternary alloys often involves the formation of co-clusters (e.g.
Mg-Cu or Mg-Si) [3, 4? ], clustering (and cluster hardening) has also been
reported in binary alloys [5, 6, 7].
Given the indistinct, atomistic nature of solute clusters and the challenge
of distinguishing cluster strengthening from solid solution and precipitation
strengthening, the development of a fully physical model for cluster harden-
ing has remained elusive. Measurements have revealed (e.g. [8]) that in some
alloys the clusters contributing most significantly to strengthening contain only
2-4 solute atoms. This has led several groups to consider solute dimers (two
solute elements as nearest neighbours) as the prototype of clusters for strength-
ening model development (e.g. [9, 10, 11]). The development of such a model is
challenged by the inherent need for atomistic information to make it fully quan-
titative (e.g. [11]) and also by the necessity for such atomistic data to be scaled
up in order for the model to be useful for the prediction of the macroscopic
yield/flow stress.
Several phenomena can contribute to the glide resistance provided by a so-
lute cluster. Starink et al. [12, 9] considered that the strength of co-clusters
could arise from a combination of modulus strengthening and order strengthen-
ing. It was argued that modulus strengthening should only account for ≈10%
of the cluster strength in the case of Mg-Si and Mg-Cu co-clusters and therefore
that the so-called order strengthening should dominate cluster strength. Order
strengthening, due to the change in atomic topology associated with a cluster
straddling the glide plane, should be dominated by the enthalpy of cluster for-
mation. This model has been recently re-visited by Zhao [11] who noted that
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the elastic interaction between a dislocation and solute cluster, ignored in the
model developed in [12], should also provide a large contribution to the glide
resistance.
Such phenomenological models require inherently atomistic information in
order for them to be fully quantitative. This requires either direct atomistic
simulations or simplifying estimates in order for them to be quantitative. For-
tunately, atomic scale computer simulations of solute-dislocation interaction
now allow to test the effects of atomic scale topology and energetics using sim-
pler models (e.g. molecular dynamics/statics [13, 14], and/or Monte Carlo [15]
based on semi-empirical potentials [16]).
Preliminary atomistic studies via molecular statics simulations have focused
on the interaction of edge dislocations and solute dimers in binary Ni-Al [14]
and Al-Mg [17] alloys. In these studies the effect of the orientation of the dimer
(Al-Al [14] or Mg-Mg [17]) with respect to the glide plane and dislocation line
was analyzed. In both cases the results suggest that the change in topology of
the dimer following shearing by the dislocation contributes only a small amount
to the glide resistance of the dislocation [14].
The goal of this work is to use atomistic simulations to predict the glide
resistance of solute dimers in a model Al-Mg alloy. From these results, the elastic
and ‘order’ or ‘chemical’ contributions to the strength are evaluated separately
in an attempt to identify the critical factors controlling cluster strengthening in
the Al-Mg system.
2. Methodology:
Molecular statics simulations were performed on simulation boxes oriented
as illustrated in figure 1, the length of the box edges being Lx = 22 nm,
Ly = 28 nm, and Lz = 6 nm. These dimensions were obtained as a com-
promise between computational speed and minimization of image stress effects,
periodicity having been enforced in the x and z directions[18]. Into this box an
edge dislocation having a Burger’s vector of b = a/2[1¯10] and line direction [1¯1¯2]
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was inserted as described in [19]. The simulation box was subjected to energy
minimization while the box size was modified so as to bring the macroscopic
pressure on the simulation box to less than 10 MPa. Upon energy minimization,
the dislocation split into two Shockley partials dislocations separated by a stack-
ing fault. While only edge dislocations were studied here, it has been shown
by Patinet and Proville [14] that the solute-dislocation interactions are similar
for both edge and screw dislocations. This is explained by the fact that in alu-
minium alloys, both screw and edge dislocations split into partial dislocations
of mixed character. These partial dislocations have the same fraction of edge
and screw components regardless of the character of the perfect dislocation from
which they arise. As it will be shown in the following, the strongest interactions
occur here when solutes are close to the cores of the partial dislocations. It is
thus the solute-partial dislocation interaction that is more important. However,
if longer-ranged interactions were dominant, the net character of the dislocation
(edge or screw) would be more important as the sums of the stress fields of the
partial dislocations (felt for solutes located far from one of the partials) will be
different in the case of edge and screw dislocations.
In order to directly measure the energy-distance and force-distance profiles
corresponding to dislocation/dimer interactions, a mixed boundary condition
was used to impose deformation on the simulation box [20]. The centre of
mass of the top and bottom two atomic layers were attached to a linear spring
having a stiffness of k = 5 × 103 eV/nm2 and an incremental displacement of
7 ×10−3nm was imposed in the x direction before each step of minimization.
As described in [20] this loading condition allows atoms in the upper and lower
surfaces to adapt to the plastic strain produced during dislocation glide.
An embedded atom method interatomic (EAM) potential for Al-Mg devel-
oped by Liu and Adams [21] was used here. It has a cutoff distance of 6.668 A˚
and has been widely used before on the study of solid solution strengthening
in Al-Mg alloys [17, 14, 22, 15, 23]. The predicted elastic constants and stack-
ing fault energy for pure Al from this potential are given in Table 1 while the
temperature and composition dependence (for up to Al-10at%Mg) of the elastic
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Figure 1: Truncated illustration of the simulation box used. The colours schematically illus-
trate the hydrostatic stress field induced by the presence of the split edge dislocation.
Table 1: Single crystal elastic constants and intrinsic stacking fault energy (ESF ) of pure
aluminum from experiments and predicted by the EAM potential used in this study [21]
.
C11 C12 C44 ESFE
Experimental (4 K) [27] 116 GPa 64.8 GPa 30.9 GPa 0.120 - 0.144 J/m2 [28, 29]
EAM Potential (0 K) [21] 119 GPa 62.3 GPa 34.9 GPa 0.135 J/m2
constants and stacking fault energy predicted by this potential have been re-
ported by Dontsova et al. [24]. All simulations were performed using LAMMPS
[25] while visualization and dislocation position were extracted using Ovito [26].
For the purposes of this work, Mg atoms were introduced into the simulation
domain shown in Figure 1 as ‘dimers’ being defined by two solute Mg atoms
occupying either first nearest neighbour positions along 〈110〉 directions or sec-
ond nearest neighbour positions along 〈100〉 directions. The extension of these
results to trimers is reported elsewhere [18].
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3. Summary of Dimer Strengths
Figure 2(a) illustrates the strength of the 14 different configurations of dimers
that were investigated as well as their detailed positioning with respect to the
glide plane. This represents all possible combinations where the dimers are
nereast neighbours. Each dimer is composed of two Mg atoms, one located at
in the central (grey) position, the second in one of the atomic positions marked
by the Roman numerals. For each on these configurations, and according to
their relative positions, Mg atoms were introduced in a simulation box already
containing a split edge dislocation as far as possible from the location of the
dislocation (i.e. at around 11 nm from the center of the dislocation in the [1¯10]
direction). Then, an energy minimization was performed to remove any change
in the macroscopic pressure caused by the addition of the Mg atoms, and allow
local rearrangment of atoms around the dimer. Finally, the box was loaded
according to the method described above, causing the dislocation to glide and
interact with the dimer, and the energy and force profiles recorded during the
dislocation glide. On Figure 2(a), the colour at each of the sites labeled by
a Roman numeral indicates the corresponding strength of that dimer reported
here as the pinning force obtained from the maximum measured macroscopic
virial stress (τxy) as,
Fdimer = (τxy − τp) bLz (1)
where τp is the Peierls stress, measured here to be 2.8 MPa from the simulations
without any Mg atoms. The distribution of all of these strengths weighted by
the total number of possible configurations for each dimer is given in Figure
2(b)
The distribution of strengths shown in Fig. 2(b) can be compared with the
strength to overcome a single solute atom, located at the position indicated
by the grey atom in Fig. 2(a) which was found to be 0.026 nN. Thus, the
two strongest dimers appear to be approximately twice as strong as a single
solute atom at the same location. This result is similar to that of Patinet and
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Figure 2: a) Schematic illustration of the glide plane showing three atomic planes; the black
circles indicate atoms lying on the {111} glide plane, the red circles indicate a {111} plane
one plane above the glide plane and the blue circles indicate atoms located one plane below
the glide plane. The grey central atomic position shows one of the positions of the Mg atoms
comprising the dimers studied. The second atom in the dimer was taken to be located at
the atomic positions indicated by Roman numerals. The filled colours at these sites indicates
the strength of the dimer to shearing by a dislocation coming from the left hand side. b)
The distribution of strengths of the dimers studied factoring in the multiplicity of non-unique
dimer locations.
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Figure 3: Illustration of the change in position and configuration of Mg atoms in dimer I after
passage of an edge dislocation as viewed looking down on the glide plane.
Proville [14] who found that the maximum pinning force for the strongest dimer
(dimer I here) was 0.047 nN [14] (0.048 nN in the current work).
The two strongest dimers, dimer I and dimer II in Fig. 2(a) have quite dif-
ferent configurations with respect to the passage of a dislocation. The strongest,
dimer I, has both Mg atoms located on the same glide plane above the plane of
the dislocation in the region of compressive hydrostatic stress. The separation
between these two atoms does not, therefore, change after the passage of the
dislocation (see Fig. 3) meaning that the concept of order strengthening as
applied in the literature [12] should not apply.
In contrast, dimer II is composed of two Mg atoms that straddle the glide
plane, this leading to their separation based on the passage of the dislocation
as shown in Fig. 4. In this case, one may expect an elastic interaction between
the solute and the dislocation as well as the ‘order’ strengthening contribution
proposed by Starkink et al. [12, 9] arising from the change in atomic configura-
tion.
While the peak force to bypass these two dimers is very similar, the force-
distance and energy-distance profiles defining the interaction between an edge
dislocation and the two dimers is quite different (Fig. 5 and 6). In the case of
dimer I (both solute on compressive side of glide plane), when viewed from left
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Figure 4: Illustration of the change in position and configuration of Mg atoms in dimer II
after passage of an edge dislocation as viewed looking down on the glide plane.
to right (dislocation approaching the dimer) the force is seen to rise as ∼ r−2 as
one might expect on the basis of an interaction between a centre of dilation and
the hydrostatic stress field of the dislocation [] (Fig. 5). The sudden drop in
force between stages 1 and 2 corresponds to the leading partial overcoming the
dimer, leading to the dimer being situated within the dislocations stacking fault.
With continued loading, the stress rises again until the second partial overcomes
the dimer. As soon as this happens, the stored elastic energy between stages 1
and 2 is released all at once causing the dislocation to glide until equilibrium is
reached again at stage 4, hence the discontinuity between stages 3 and 4. Owing
to the lack of change in the configuration between the two solute atoms after
the dislocation has passed, there is no net change in system energy once the
dislocation moves away.
In the case of dimer II a rather different force-distance and energy distance
profile are observed. In this instance, as the leading partial approaches the
dimer, there is little change in energy and only small changes in force. Indeed,
as the solute atoms are located on either (tensile and compressive) sides of the
dislocation, their net elastic interaction almost cancels out. Once the leading
partial overcomes the dimer, the force is seen to rise rapidly as the trailing
partial is forced to bypass the dimer. Note that in this example, as can be seen
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Figure 5: Force distance and energy distance profiles for dislocation/dimer I interactions based
on imposed shearing of simulation box (round symbols). The square symbols in the energy
distance profile correspond to the addition of the elastic strain energy and the interaction
energy obtained when the dimer is manually displaced from one atomic position to the next
(see section 4). In these plots, ‘0’ on the x-axis represents the centre of mass of the dimer
(prior to deformation) along the glide direction (x) direction. The atomistic snapshots show
the {111} glide plane and illustrate the position of the dislocation, stacking fault and Mg
atoms at the positions indicated by the dashed vertical lines in the force-distance and energy-
distance plots.
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from Fig. 6(b), the potential energy of the system is higher at the beginning of
the simulation (prior to stage 1) compared to the end of the simulation (post
stage 4). This drop in system energy is a result of the change in configuration of
solute atoms comprising the dimer, and is contrary to the case of dimer I (Fig.
4). As the dislocation glides through dimer II, the Mg atoms go from being
first nearest neighbours (prior to stage 1) to being second nearest neighbours
(after stage 4) which is a more favourable position as attested by this energy
drop. This observation is consistent with experimental observations [5] and
prior reports related to this interatomic potential [23, 24].
4. Unraveling the Contributions to Dimer Strength
The results in Figs. 2(a), 5 and 6 are most directly described as a conse-
quence of the change in system energy with dislocation position arising from
i) elastic interaction between the dislocation and dimer (parelastic contribu-
tion [30]) ii) configurational changes between the Mg atoms arising from the
passage of the dislocation (dielastic contribution [30]) and iii) macroscopic
elastic loading of the sample. Below, we will present models for contributions
(i) and (ii) with the aim of identifying the separate contributions attributable
to each. Unlike the calculations performed above, these models predict equi-
librium energies of a system containing a dimer and a split edge dislocation as
a function of their separation without considering any externally imposed force.
Thus, these models are not directly comparable to the energy-distance curves
shown in Figs. 5 and 6 where the system is under the influence of an additional
external applied force. To bridge the gap between the direct calculations shown
in Figs. 5 and 6 and the models developed below, a second set of fully atomistic
calculations have been performed. In these calculations, the same simulation
box used to produce the results in Figs. 5 and 6 was employed. However, rather
than moving the dislocation by imposing an external force on the system, the
dimer was manually moved, from one atomic position to the next, relative to the
(pinned) dislocation. The energy of this system was then minimized to produce
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Figure 6: Force distance and energy distance profiles for dislocation/dimer II interactions
based on imposed shearing of simulation box (round symbols). The square symbols in the
energy distance profile correspond to the addition of the elastic strain energy and the inter-
action energy obtained when the dimer is manually displaced from one atomic position to
the next (see section 4). In these plots, ‘0’ on the x-axis represents the centre of mass of the
dimer (prior to deformation) along the glide direction (x) direction. The atomistic snapshots
show the {111} glide plane and illustrate the position of the dislocation, stacking fault and
Mg atoms at the positions indicated by the dashed vertical lines in the force-distance and
energy-distance plots.
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the variation of energy (at zero applied stress) as a function of dislocation-dimer
separation. To ensure that the dislocation does not move during energy min-
imization, 4 atoms localized at the core of one of the partial dislocations and
far from the dimer are fixed (see [24] for a detailed discussion). Ideally, this
interaction energy (denoted as Einteraction here) should be given by the sum
of the parelastic and dielastic contributions described above. Deriving an in-
teraction force from a plot of Einteraction versus distance is challenging as it
requires the differentiation of a discontinuous set of discrete energy versus posi-
tion points. Rather than fit a smooth curve through these data points, and risk
large errors in estimated slopes, and therefore forces, we will use only energies
for quantitative comparison in these calculations.
In order to make a direct comparison between Einteraction and the energies
reported in Figs. 5 and 6 one needs to add the macroscopic elastic strain energy
to Einteraction. The light green squares in Figs. 5 and 6 show the results of
adding the elastic strain energy to Einteraction, where the elastic strain energy
was calculated based on the macroscopic elastic strain (total imposed strain
minus the plastic strain) from the results obtained from loading.
To estimate the parelastic interaction arising from the interaction between
the stress field of the dislocations and the dilation of the solute atom we follow
the classic approach of Cockhardt et al. [31]. The binding elastic energy between
solute atoms acting as a point source of dilation of a dislocation is computed as,
Eelastic = −δΩ
2∑
i=1
σ⊥H (xi, yi) (2)
where the sum is taken over the two solute atoms comprising the dimer. The
hydrostatic stresses at the location of the solute atoms (σ⊥H (xi, yi) =
1
3
∑
ii σii)
have been evaluated from the per-atom virial stresses computed directly from a
molecular statics simulation on a box containing a dislocation in pure Al. In this
way, the effects of finite simulation box, and the attendant image stresses, are
automatically accounted for. When the solute atoms are located in the stacking
fault, the calculation of the elastic contribution to the energy is complicated. In
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this case, the local environment is not FCC Al and thus the relaxation volume
(δΩ) is not expected to be the same as that defined in Eqn. 2. For simplicity,
however, we disregard this difference here, using for all calculations the value of
δΩ defined for a pure homogeneous Al environment.
The value of the relaxation volume (δΩ) can be obtained directly from atom-
istic calculations following the method outlined by Clouet et al. [32], the value
appropriate for Mg in Al using the current interatomic potential is given in
Table 1.
The chemical (or dielastic [33, 34]) contribution to the interaction energy pro-
file between the dislocation and dimer has been evaluated following the method
outlined by Ma et al. [35] based on the method originally developed by Yasi
et al. [36]. This contribution arises from the change in generalized stacking
fault energy (or γ-surface) resulting from the presence of the solute dimer and
changes in its configuration as a dislocation passes. This contribution, denoted
as Eslip following [35], can be calculated as the difference in the generalized
stacking fault curve obtained for pure aluminum and, separately, for the same
system containing a dimer. Thus,
Eslip = γdimer (xp, yp)− γAl (xp, yp) (3)
where (xp, yp) represents the path in the slip plane taken by atoms as the dislo-
cation passes and γAl and γdimer represent the generalized stacking fault curves
for pure Al and for the same simulation box but containing the dimer of interest.
Fig. 7 shows the comparison between Einteraction and the two model con-
tributions Eelastic (Eqn. 2) and Eslip (Eqn 3), in the case of the dimer with
the highest strength (dimer I). First, one can see that the shape of Einteraction
follows closely that presented in Fig. 5, the additional energy in the later arising
from the macroscopically imposed load on the simulation box. Fig. 7(a) clearly
shows that the rise in interaction energy that occurs as the dislocation first ap-
proaches the dimer comes predominantly from the elastic interaction between
the dislocation and dimer. Once the dimer crosses the leading partial, however,
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elasticity alone fails to predict the drop in energy associated with the dimer
lying within the stacking fault. This drop is captured by Eslip (see Fig. 7(b)),
and is associated with the change in configuration between the Mg atoms when
they are sitting within the HCP environment of the stacking fault. As the dimer
passes the trailing dislocation, the energy is seen to drop again, following Eslip,
with the energy returning to zero as there is no net change in the configuration
of the dimer in this example.
One can see in Fig. 7(c) that, in this case, the combination of the two models
(Eelastic + Eslip) captures all of the main features of the Einteraction-distance
curve. The maximum resistance provided by this dimer is seen from Fig. 5 to
occur when the dimer passes the trailing dislocation, this only being slightly
higher than the force required for the leading partial to pass the dimer. The
similarity of these forces is consistent with the similarity of the shape of the
Einteraction-distance curve in Fig. 5 on the leading edge of the two peaks, re-
calling that the force is the slope of the energy-distance curve. Observing the
shape of the Eelastic and Eslip curves shows that the maximum force is domi-
nated by the Eslip contribution even though no net change in the configuration
of the solute atoms occurs after the dislocation has passed.
Turning to the dimer with the second highest strength (i.e. dimer II), Fig.
8, we can see that the Eelastic provides a relatively small contribution to the
overall energy-distance profile. This is not unexpected given the fact that the
dimer straddles the glide plane. In this example, the solute atoms comprising
the dimer (each having the same relaxation volume) sit on both sides of the
glide plane (one sits on the tensile side, and the other on the compression side).
In terms of the total Eelastic then, the contributions from both solutes nearly
cancel out one another. They do not completely as they are slightly offset from
one another along the glide direction. This matches well with the observed small
change in Eelastic (see Fig. 8(a)) as the leading partial approaches the dimer
and the trailing partial moves away from it.
While Eelastic is small in this instance, there is a large drop in Eslip asso-
ciated with the dimer entering the stacking fault (see Fig. 8(b)). In this case,
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Figure 7: Energy distance profiles for dislocation/dimer I interactions. Einteraction is the
energy calculated directly from molecular statics simulations (no applied force) where the
centre of the dislocation’s stacking fault is located at a dimer position of ‘0’. (a) shows the
comparison between Einteraction and the parelastic (Eqn. 2) contribution to the interaction
energy, (b) shows the comparison with Eslip (Eqn. 3), and (c) compares the atomistically
computed Einteraction and Eelastic + Eslip.
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the sum of Eslip + Eelastic overestimates the energy associated with the dimer
located in the stacking fault (see Fig. 8(c)). A large part of this error can be
attributed to the fact that we use a relaxation volume for the Mg atoms (cf.
Eqn. 2) for a Mg atom located in a perfect FCC Al lattice, not in a stacking
fault. After the dislocation fully bypasses the dimer, a net change in Einteraction
is seen. This is reflected in the net change in Eslip and is directly attributable
to the change in configuration between Mg atoms following the passage of the
dislocation.
As in the case of Fig. 5, the configuration corresponding to the largest force
in Fig. 6 corresponds to the dimer passing by the trailing dislocation (leading
to the dimer exiting the stacking fault). This is more readily apparent from
Fig. 8, where the slope of the Einteraction-distance curve appears highest for
the portion of the curve corresponding to the dimer exiting the stacking fault,
the rapid change in Einteraction in this portion of the curve being dominated by
Eslip.
The primary conclusion from the results shown in Figs. 7 and 8 is that Eslip
is the main contributor to the strength of the two strongest dimers. This also
helps to explain why the strengthening observed in Al-Mg alloys is as small as
it is, despite the fact that Mg is a strong solid solution strengthener in Al [2].
5. Consequences for the prediction of cluster strengthening
A key conclusion arising from the results in Figs. 5 and 6 is that the maxi-
mum force for both of the strongest dimers is achieved when the trailing dislo-
cation overcomes the dimer and that this force is dominated by the slope of the
Eslip-distance curve. The lack of contribution from Eelastic when the dimer re-
sides within the stacking fault is due to the fact that the hydrostatic stress near
the stacking fault and between the two partial dislocations is nearly constant.
This is reflected in the fact that the value of Eelastic is nearly constant when the
dimer is situated between the two partials (Figs. 7 and 8). The small variation
seen in Fig. 8 arises when the dimer straddles the leading partial. The variation
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Figure 8: Energy distance profiles for dislocation/dimer II interactions. Einteraction is the
energy calculated directly from molecular statics simulations (no applied force) where the
centre of the dislocation’s stacking fault is located at a dimer position of ‘0’. (a) shows the
comparison between Einteraction and the paraelastic (Eqn. 2) contribution to the interaction
energy, (b) shows the comparison with Eslip (Eqn. 3), and (c) compares the atomistically
computed Einteraction and Eelastic + Eslip.
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in Eslip as a source of dimer strength represents a generalization of the ‘order
strengthening’ model proposed by Starink et al. [12, 9]. In the original ‘order
strengthening’ model, it was the change in energy caused by the permanent
configurational change between atoms comprising a dimer (or cluster) due to
the passage of a perfect edge dislocation. The force to make this change was
then estimated as ∆H/b where ∆H was envisioned as the energy required to
make the configurational change and b is the magnitude of the Burgers vector of
the dislocation. The present results show that a high resistance to dislocation
motion can be obtained from a similar source in the presence of a split edge
dislocation (similar results arise from a split screw dislocation) even if no net
configuration change occurs between the atoms comprising the dimer since the
passage of the dimer across both partials and the stacking fault leads to config-
urational changes. Moreover, the correct distance to estimate the slope of the
energy-distance curve is not the Burgers vector of the perfect dislocation, but
rather a distance better approximated as half the width of the stacking fault.
Another implicit assumption in the Starink ‘order strengthening’ model is
that the energy-distance curve is linear with ∆H/b being a good approximation
to the force. Evaluating the energy-distance (and force-distance) profiles from a
number of dimers (including those shown shown in Figs. 5 and 6) show that the
energy-distance profiles between the energy minima corresponding to the dimer
located in the middle of the stacking fault and the energy maxima just prior
to the dislocation escaping the stacking fault are better described as parabolic,
the force-distance curves being linear. The challenge, given that Einteraction
varies linearly with distance is that it does not give a precise value of the force
required for the dislocation to break free of the dimer, as shown in Figs 7 and
8. Owing to this, a simple model for dimer strength based on a variation of the
Starink model is difficult.
The strength of the two strongest dimers here is dominated by the dielastic
contribution to the interaction energy. However, it cannot be extrapolated from
these results that this would always be the case. As an illustration, consider
a hypothetical version of dimer I having the same value of Eslip but a larger
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δΩ. For this hypothetical dimer, the strength would be dominated by the entry
of the dimer into the stacking fault. However, changing the volume difference
would not have drastically changed the result for dimer II: although the strength
of the initial interaction would have changed, the critical configuration would
have remained the same. In the case of dimers comprised of the same alloying
element, the elastic interaction for those straddeling the glide plane would be
always small owing to the cancelling of the effects from the opposite interactions
with the tensile and compressive side of the two dislocations. In the case of co-
clusters, the effect can be opposite with dimers comprised of solute on the same
side of the glide plane exhibiting an elastic interaction that nearly cancels out
if their volume difference with Al atoms is opposite. In either case, the elastic
interaction will only be effective for some fraction of the dimers. In the present
case only 2 out of 14 cases would be effective. In the case of co-clusters, one
would imagine this ratio to be reversed, thus having the potential for a strong
elastic interaction; though this will be strongest for dimers where the two solute
atoms sit nearly directly on top of one another (e.g. dimers XI and VIII).
The results presented in this paper for the strength of dimer are difficult
to extrapolate to clusters with higher number of solute atoms as increasing the
number of solute atoms comprising the cluster increases the number of con-
figurations possible exponentially. However, we can suppose that as a cluster
becomes larger, the range of interaction for the parelastic and dielastic contri-
butions can increase. In the case of dimers, the parelastic contribution (Eelastic)
to the force is limited to configurations where the dimer is located outside of
the stacking fault whereas the dielastic contribution (Eslip) is limited to cases
where it is located within the stacking fault. As the cluster grows, and if its di-
ameter is larger than the distance separating partial dislocations, configurations
should exist where a part of the dimer will be located outside of the stacking
fault and a part will be located inside. In order for both parelastic and dielas-
tic contributions to contribute additively, some portion of the cluster needs to
be located inside the stacking fault (for a dielastic contribution) while another
portion needs to be outside of the stacking fault (for a large parelastic contri-
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bution). This suggests the largest contribution would occur when the cluster is
centered on one of the partial dislocations. This is distinct for the case of dimers
where the distinct separation of the regions of interaction mean that the only
place where the two can have some overlap is at the position where a dimer is
located at one of the partials.
6. Conclusion
Using a ‘model’ Al-Mg alloy, we have been able to evaluate the contributions
of classic ‘continuum’ chemical and elastic effects to the glide resistance of solute
dimers. It was shown that the concept of ‘order strengthening’ proposed by
Starink et al. can be generalized to consider the variations in energy associated
with changes in γ-surface leading to the conclusion that strong dimers do not
need to be ones whose configuration is changed after the passage of a dislocation.
It was also shown that the classic approach of Cockhardt et al. [31] adequately
allows the variation of the parelastic contribution (Eelastic) to be predicted when
each of the solute atoms is separately considered as a point source of dilation.
Comparison of these quasi-analytical calculations to the results from molecular
statics simulations reveals that both mechanisms can lead to dimers with high
strength but that the dielastic contribution (Eslip) has the potential to impact
on more dimer configurations given that it is less sensitive to their configuration
relative to the dislocation. Of course, these results only relate to the strength of
individual dimers. The strength of a cluster strengthened alloy needs to further
consider the statistical distribution of these solute clusters within the alloy.
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